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Abstract

The deformation of nanocrystalline aluminum was studied using molecular dynamics simulation at homologous temperatures up to
0.97. The microstructures and stress–strain response were examined in a polycrystalline and bicrystal configuration. The activation ener-
gies for dislocation-based deformation as well as grain boundary sliding and migration were quantified by fitting simulation data to tem-
perature using an Arrhenius relation. The activation energy for the flow stress response suggests that deformation is largely
accommodated by sliding and migration of grain boundaries. This is in agreement with simulated microstructures, indicating a negligible
degree of dislocation interaction within each grain, and microstructural observations from high strain rate processes are also consistent
with this result. A steady-state grain size is maintained in the recrystallized structure following yielding due to boundary migration and
grain rotation mechanisms, rather than by diffusion-based dislocation climb.
� 2009 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Molecular dynamics (MD) simulation has revealed
many details of microstructure evolution during plastic
deformation. For example, the approach has been used
to study the nucleation and annihilation of dislocations
at grain boundaries [1,2], the formation of nanotwins
[3,4] and the formation of shear bands [5]. The study of
nanocrystalline materials by atomic-level simulation has
been a particular area of interest, since there has been con-
siderable debate over the deformation mechanisms when
the grain size is <100 nm [6]. Recent advances in computing
power have enabled simulation of nanocrystalline materials
with grain sizes up to 50 nm, and this has been instrumen-
tal in clarifying the details of the transition from a disloca-
tion-based to grain boundary-based deformation regime
when the grain size decreases [7,8].
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Although simulation can provide atomic-level resolu-
tion of phenomena during plastic deformation, the short
time steps necessitated during calculation have limited
investigations to strain rates typically >106 s�1. It is still
possible to examine lower strain rate deformation such as
creep [9], but some special conditions must be imposed in
the simulation. On the other hand, the exceptionally high
strain rates accessible by MD are directly applicable to a
number of processes involving high-temperature deforma-
tion. For example, ballistic impacts produce high strain
rate deformation (>105 s�1), which is often accompanied
by the generation of shockwaves and temperatures near
the solidus at the projectile interface [10,11]. Strain rates
as high as 1600 s�1 have been reported in the stir zone dur-
ing friction stir spot welding [12], and it was shown that the
stir zone reaches temperatures of 0.95–0.99Tm, where Tm is
the melting point, in a variety of aluminum alloys [13].
Strain rates of 0.5 � 109 s�1 have been suggested at the par-
ticle interface during deposition of cold gas dynamic
sprayed coatings [14], and it is recognized there is a high
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Fig. 1. Initial geometry of grains 1–4, with misorientation angles about
the [0 0 1] direction indicated.
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probability of melting at the particle–substrate interface
during deposition of aluminum powders [15].

In all of these applications the deformation and recrys-
tallization mechanisms at high temperatures are not fully
understood. The Zener–Hollomon relation is widely used
to relate strain rate and temperature to a steady-state von
Mises flow stress achieved during high-temperature defor-
mation [16] and it has been applied in a variety of numer-
ical modeling applications in order to estimate the
mechanical properties at high temperature. One should
note that the material parameters have largely been derived
from experimental testing in the homologous temperature
range of 0.5–0.9Tm, at strain rates of 10�2–102 s�1 [17].
The variations in flow stress and microstructure develop-
ment in a variety of alloys are explained through dynamic
recovery and recrystallization mechanisms driven by dislo-
cation climb, and these account for the decreasing grain or
subgrain size with strain rate in the steady-state flow stress
regime [17,18]. Depending on the extent of thermally acti-
vated coarsening of the grains, extrapolation of the consti-
tutive equations suggests that a nanocrystalline grain size
may be achieved with exceptionally high strain rates. This
would have great implications for the development of a
constitutive equation for flow stress, since dislocation
climb-based mechanisms which determine the grain size
may not necessarily be extrapolated to the nanocrystalline
regime.

In the present work, MD simulations are employed to
investigate the deformation mechanisms and microstructure
evolution of polycrystalline aluminum under compressive
deformation at temperatures close to the melting point. This
approach offers the potential to determine the high temper-
ature material properties under conditions that cannot be
readily imposed in experiments. To date, the majority of
MD simulations have been either conducted at room tem-
perature, did not involve loading to large plastic strains, or
focused on a bicrystal geometry. The only MD study of plas-
tic flow at large strains in polycrystalline material has been
on creep simulation of Pd up to a temperature of 0.8Tm

[19]. To the best of our knowledge, the present work is the
first to involve MD simulation of deformation of polycrys-
talline aluminum at a strain rate of 108 s�1 in the temperature
range 0.8–0.97Tm. The stress–strain response and micro-
structural evolution are examined in detail, and the activa-
tion energies for dislocation and grain boundary-based
deformation mechanisms are quantified in order to compare
their contributions in this regime.

2. Simulation methodology

A simulation cell of h0 0 1i textured microstructure,
embedded with four hexagonal grains is considered. As
shown in Fig. 1, grain 1 is oriented with crystallographic
directions [1 0 0], [0 1 0] and [0 0 1] in the X-, Y- and Z-direc-
tions, respectively, while grain 2, grain 3 and grain 4 are
rotated around the [0 0 1] tilt axis by misorientation angles
of �27�, 37� and 18.5�, respectively, resulting in 12 high-
angle grain boundaries in the simulation cell. In order to
maintain the grain size dependence of yield strength within
the normal Hall–Petch relationship [20], an initial hexagonal
grain size of 30 nm was selected, while 12 {0 0 1} atomic
planes along the Z-direction are chosen to ensure that the
thickness is larger than the cut-off radius of the interatomic
potential. Based upon these considerations, the simulation
cell comprising 582,870 atoms is 69, 60 and 2.4 nm along
the X-, Y- and Z-directions, respectively, with periodic
boundary conditions.

The atomic interactions are described using the Mendelev
et al. [21] form of the embedded atom method (EAM) [22]
potential for Al. The simulations are performed within a
NPT (fixed number of atoms, pressure and temperature)
ensemble, where the constant stress is maintained using the
Parrinello–Rahman technique [23] and the temperatures
T = 910, 891 and 845 K are kept using a rescaling scheme
(Tm for this potential is 939 K [21]). Isothermal loading dur-
ing the compression test prevents any adiabatic effects on the
system. It should be also noted that although the rescaling
scheme can yield the desired kinetic energy per atom, it does
not represent a true constant-temperature ensemble. How-
ever, when the system size is large enough and the measured
properties are insensitive to temperature fluctuation, the dif-
ference between a rescaling scheme and a true canonical
ensemble scheme is negligible. In particular, after the initial
simulation cell is relaxed under both zero bar pressure and
constant-temperature for 200 ps, a uniaxial compressive
loading along the X-direction with strain rate of 1 � 108 s
�1 is applied. The Parrinello–Rahman barostat is employed
in the Y- and Z-directions to ensure the stress-free state. The
atomic stress is calculated using the Virial theorem. MD sim-
ulations are performed using LAMMPS [24], developed in
the Sandia National Laboratory.

In order to analyze the deformation mechanisms and
microstructure evolution, a quantitative measure to distin-
guish the atoms that belong to grains, grain boundaries
and other defects such as stacking faults and vacancies is
required. This can be achieved using the bond-order
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parameter to identify the local structure around each atom.
In this work, the local structure around atom i is deter-
mined by the second-order invariant local order parameter
[25]:
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where Ylm is the spherical harmonics, rij is the unit vector be-
tween atom i and its neighboring atoms j, and Nnb(i) is the
number of neighbors of atom i. Based upon the values of
parameter ql, different local environments for face-centered
cubic (fcc), hexagonal close-packed (hcp) or body-centered
cubic (bcc) structures can be determined [25]; consequently,
it is possible to distinguish atoms between the perfect crystal,
grain boundaries, stacking faults, dislocations and vacan-
cies. Since the deformation simulations are carried out at a
temperature close to the melting point (above 0.9Tm), the
thermal fluctuation of each atom makes it difficult to deter-
mine the local atomic structure. To remove the thermal fluc-
tuations, the atomic structure was quenched to 0 K, using a
conjugate gradient method. It is noted that this energy min-
imization method only reaches in local potential energy min-
imum, and therefore does not interrupt the high temperature
dynamics. As shown in Fig. 1, those atoms whose local
atomic structures are not fcc form a network of grain bound-
aries (or microstructure).

To study grain boundary self-diffusion, migration and
sliding, an individual grain boundary with bicrystal geom-
etry is required. In the present work, a flat R5 [0 0 1] asym-
metric tilt boundary was chosen as a representation of a
high-angle grain boundary (indeed, two of the grain
boundaries in the initial polycrystalline microstructure
are R5 asymmetric tilt boundaries). As shown in Fig. 2, a
R5 asymmetric tilt grain boundary is constructed by fixing
the crystallographic orientations [1 0 0], [0 1 0] and [0 0 1]
Fig. 2. A schematic bicrystal system used to investigate grain boundary
sliding and self-diffusion, where the upper grain is rotated about the [0 1 0]
axis by 36.9� to form a R5 boundary.
of the lower grain to the X-, Y- and Z-directions, respec-
tively, and rotating the upper grain around the [0 1 0] axis
by 36.9�. Periodic boundary conditions are applied in the
X- and Y-directions and the free boundary condition is
applied in the Z-direction. In order to simulate grain
boundary sliding, a thin layer of atoms near the bottom
free surface is fixed by pinning their atomic positions, while
the equivalent layer of atoms near the top free surface is
displaced along the X-direction at a constant velocity of
1 m s�1.

Self-diffusion coefficients are determined using the
approach described by Schönfelder et al. [26]. In this
method, the grain boundary self-diffusion coefficient is esti-
mated from the slope of the in-plane mean-square-displace-
ment ðhðDxÞ2i þ hðDyÞ2iÞ vs. time. While the boundary may
roughen at high temperature, the mean boundary plane is
always parallel to the X–Y plane. This approach is, there-
fore, unaffected by boundary roughening or fluctuation in
the mean boundary position. The grain boundary self-diffu-
sivity is as follows:

dDGB ¼
PNGB

i¼1 ðDxiÞ2 þ ðDyiÞ
2

A
X
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where d, NGB, A and X are the grain boundary width, the
number of atoms in the grain boundary region, the bound-
ary area and the atomic volume, respectively. Clearly, the
definitions of d and NGB are interrelated as

NGB ¼ Ad=X; ð3Þ
and are both arbitrary. If the sum includes a sufficient num-
ber of atoms on either side of the boundary, the value of
dDGB is independent of d and NGB.
3. Results

3.1. Microstructural evolution and stress–strain curves

The stress–strain curves obtained during compressive
loading at temperatures from 845 to 910 K are shown in
Fig. 3. The reduction in the Young’s modulus can be read-
ily observed from the decreasing slopes in the elastic region.
During the initial elastic loading a peak stress developed,
followed by a sharp drop in the compressive stress at
around 6% strain. This drop coincided with the break up
of the original grains, which initiated in grain 1 shown in
Fig. 4. Prior to this, emission of vacancies and dislocations
occurs as the yield point is exceeded.

With further strain, all the other grains subdivided until
a microstructure with several new grains developed and a
relatively steady-state flow stress was reached at strains
exceeding approximately 15%. The average flow stresses
in the final stages of plastic strain ranged from approxi-
mately 250 to almost 800 MPa. Assuming that these aver-
age flow stresses obey an Arrhenius relation with
temperature, the activation energy for the quasi-steady-
state flow stress is approximately 0.95 ± 0.25 eV as shown
in the inset of Fig. 3. The ranges in activation energies



Fig. 3. Stress–strain curves obtained during compressive deformation at
temperatures from 845 to 910 K. The relation between the average flow
stress during the final 5% strain and 1/T is shown in the inset.

Fig. 4. A snapshot of the microstructure at 0.9Tm and approximately 6%
strain.
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reported in the present work represent the scatter in the
regression analysis.

The microstructural evolution during compressive load-
ing from a strain of 16–21% at a temperature of 845 K is
shown in Fig. 5. The number of individual grains decreased
from 10 to 7, with the average grain size increasing from 20
to 24 nm in the final range of plastic deformation. The
grains are elongated in the Y-axis direction as expected
for a compressive load parallel to the X-axis. The average
size slightly increased in this strain range due to grain
growth as well as grain coalescence driven by grain rota-
tion. An example of coalescence can be seen in grains 5
and 6 indicated in Fig. 5, and the misorientation between
these grains is shown with increasing strain in Fig. 6. The
average misorientation decreases until a low-angle grain
boundary with a misorientation angle of <10� is formed
between grains 5 and 6, and the original grain boundary
is replaced by an array of edge dislocations.

It should be noted that the contributions of coalescence
and grain growth at high temperatures are counteracted by
grain refinement due to grain subdivision. For example, a
grain can be observed subdividing into two grains as a
result of a grain boundary migration in the simulation at
a temperature of 845 K. The subdivision concludes shortly
after a strain of 21%, where the grain boundary ultimately
meets a boundary on the opposite side of the grain as indi-
cated by the arrow in Fig. 5.

Compressive loading at a temperature of 910 K results
in the formation of grains with an average grain size of
26–29 nm (see Fig. 7). The bond-order parameter used to
distinguish the local structure reveals that width of grain
boundaries increases with temperature, and that triple
junctions and quadruple nodes are formed with dimensions
ranging from 5 to 8 nm. These features lead to a drastic
increase in the intercrystalline volume fraction near the
melting point (see Fig. 8).

3.2. Dislocation emission

Few dislocations were observed within the grains in
Figs. 5 and 7. The majority of the disordered clusters of
atoms observed within the grains comprised vacancies
emitted from grain boundaries due to thermal fluctuations
imparted by the high temperatures [27]. A full dislocation is
shown following emission from a grain boundary in Fig. 9,
while all the other atoms correspond with stacking faults,
grain boundaries or vacancies. The presence of a single dis-
location within the simulation volume represents a modest
dislocation density of about 2.4 � 1014 m�2. This density
produces fewer than one dislocation per grain, which pre-
cludes dislocation interactions such as entanglement or
the formation of Lomer–Cottrell barriers.

The formation of a stacking fault is shown in Fig. 10. It
originates from the grain boundary and nucleates from a
grain boundary ledge with a partial dislocation. To quantify
the activation energy for dislocation emission and glide dur-
ing deformation, it is necessary to consider the influence of
temperature on both the nucleation and propagation of dis-
locations. By relating the yield stress shown in Fig. 3 to tem-
perature in an Arrhenius function, the effective activation
energy for dislocation emission and glide at these strain rates
was determined to be approximately 0.17 ± 0.01 eV.

3.3. Grain boundary sliding

A bicrystal geometry with a flat R5 [0 0 1] asymmetric
tilt boundary was used to study grain boundary sliding at
high temperature. A constant strain rate was applied for
the geometry shown in Fig. 2, and the stress vs. displace-
ment relationships obtained for temperatures from 750 to
891 K are shown in Fig. 11. At temperatures from 750 to
800 K, the stress increases linearly prior to initiation of



Fig. 5. Microstructural evolution during loading at 845 K, with strains of 16–21%.

Fig. 6. Grain boundary misorientation between grains 5 and 6 vs. strain
during loading at 845 K.
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grain boundary sliding, which is followed by a sudden col-
lapse in the stress coinciding with the displacement of
atoms across the boundary. At 845 K, the drop in flow
stress associated with grain boundary sliding is not as dras-
tic as that at lower temperatures, and instead a gradual
decrease occurs followed by a linear increase, leading to
another sliding event. When the temperature is 891 K,
the stress fluctuations associated with sliding are even smal-
ler; however, peaks can be still be distinguished. Assuming
the peak stress required for sliding follows an Arrhenius
function with temperature, the apparent activation energy
measured for grain boundary sliding is 0.84 ± 0.13 eV, as
shown in the inset of Fig. 11.
3.4. Grain boundary diffusion

The bicrystal geometry was examined at high tempera-
tures in order to determine the predominance of mass trans-
port along grain boundaries during high-temperature
deformation. The in-plane mean-square-displacement along
the grain boundary is shown in Fig. 12 for various tempera-
tures. The approach described by Schönfelder et al. [26] was
taken to determine the self-diffusivity of the grain boundary,
and the activation energy for self-diffusion is 0.87 ± 0.12 eV,
as shown in the inset of Fig. 12.
4. Analysis and discussion

4.1. Steady-state flow stress and grain size

When an Arrhenius relation is fitted to the temperature
and steady-state flow stress values shown in Fig. 3, the acti-
vation energy parameter is found to be 0.95 eV. This is
lower than the measured self-diffusion coefficient for alumi-
num of 1.48 eV [28], as well as the estimated activation
energy for self-diffusion for this potential of 1.62 eV [29].
The activation energies for the temperature dependence
of other mechanisms are summarized in Table 1. One
would expect the experimentally observed values to be
higher, considering the MD simulations are for a perfectly
pure metal, and any impurities will drastically increase the
activation energy [30]. For example, substitutional impuri-
ties are also well known to increase the activation energy
for self-diffusion [31].

The activation energy value of 0.17 eV measured for dis-
location emission and glide is lower than that observed for



Fig. 7. Microstructural evolution during loading at 910 K with strains of 22–27%.

Fig. 8. Intercrystalline volume fraction during quasi-steady-state flow at
different temperatures. Fig. 9. Details of the atomic arrangement of a dislocation emitted from a

grain boundary. The Burgers vector b = [1 1 0]a/2 is shown in the inset.
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dislocation migration [32], as well as the value observed for
grain boundary migration (0.3 eV) for this potential stud-
ied at temperatures up to 850 K [21]. It should be noted
that the activation energy for grain boundary migration
in copper is also in this range, and that it drops from 0.4
to 0.2 eV at temperatures near the melting point [33]. It
was suggested that this change is due to a transition of
the migration mechanism from one based on solid-like
hopping at low temperatures to liquid-like reshuffling
along the grain boundaries. It is suggested that the break
up of the initial grain structure is assisted by grain bound-
ary migration, and evidence of migration of the original
grain boundaries can be observed in Fig. 4.

A nearly constant grain size is established following
yielding as shown in Figs. 5 and 7; however, there is no
indication that dislocation climb plays a role in the micro-
structural evolution at the strain rates and temperatures
examined. Grain coarsening could be observed due to the
coalescence of grains, as shown in Fig. 6, and the migration
of boundaries can also be observed, leading to competitive
grain growth of some grains in Figs. 5 and 7. The grain size
is maintained in the quasi-steady-state flow region as a
result of grain refinement mechanisms which are competing
with grain growth and coalescence.

In comparison, the dependence of flow stress on grain
size is well known for coarse-grained materials [34] when
dynamic recrystallization during high-temperature defor-
mation occurs. This mechanism depends on the generation
of a large number of dislocations which climb and



Fig. 10. Stacking fault along a grain boundary at a temperature of 845 K
and a strain of 6%.

Fig. 11. Stress–strain curves obtained during shearing of a bicrystal at
temperatures from 750 to 891 K. The relation between the peak stress
required for boundary sliding and 1/T is shown in the inset.

Fig. 12. Mean-square-displacement along the R5 [0 0 1] asymmetric tilt
boundary vs. time for temperatures from 750 to 910 K.

Table 1
Comparison of activation energies observed for various mechanisms.

Mechanism Activation energy, eV

Steady-state flow 0.95 ± 0.25
Grain boundary sliding 0.84 ± 0.13
Grain boundary diffusion 0.87 ± 0.12
Grain boundary migration 0.3a

Dislocation emission and glide 0.17 ± 0.01

a After Ref. [21].
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ultimately form high-angle grain boundaries which migrate
through a deformed microstructure. Once a steady grain
size is established, a power law can be used to describe
the relationship between flow stress, strain rate and temper-
ature which involves an activation energy parameter for
hot working that is typically close to that for self-diffusion
in the particular alloy being examined [35]. For example,
the hot working activation energy of 99.997% Al was found
to be 1.58 eV [36], which is comparable to 0.95 eV calcu-
lated from the flow curves produced in the present work.

A unique feature of the recrystallization observed during
the MD simulation is that it is not driven by the accumu-
lation of dislocations and dislocation climb (as in the case
of traditional hot working), but rather by grain boundary
migration. However, the recrystallization process shown
in Fig. 5 bears some similarities to geometric dynamic
recrystallization which has been proposed during high-tem-
perature deformation of aluminum alloys [37]. Geometric
dynamic recrystallization was first described by McQueen
et al. [38], and occurs when grains develop serrated bound-
aries and become elongated due to strain. It is argued that
the grain boundary serrations on opposite sides of the grain
come into contact with one another, which causes the
boundaries to annihilate and will break up the original
structure into smaller grains. This recrystallization mecha-
nism has been well studied under torsional loading [39,40];
however, it can also happen under compression [41,42].
Geometric dynamic recrystallization appears to occur in
the grain immediately to the left of grain 5 in Fig. 5. During
the compressive loading at 845 K, a serrated boundary
meets a grain boundary on the opposite side of the grain
when the strain reaches 21% (see arrow in Fig. 5), which
concludes the geometric dynamic recrystallization process
and produces two smaller grains.

4.2. Contribution of dislocations

Less than one full dislocation was observed per grain
during simulation as shown in Fig. 9. This supports the
notion that deformation is primarily accommodated by
intercrystalline mechanisms in nanocrystalline aluminum
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at temperatures approaching the melting point. Previous
MD simulations involving room temperature deformation
of a similar columnar nanocrystalline aluminum grain
structure indicated that the deformation process was dom-
inated by grain boundary sliding and diffusion below a crit-
ical flow stress of 2 GPa [2]. At the high temperatures
investigated here, the flow stress is within the critical range
where deformation is dominated by grain boundary
mechanisms.

In contrast, this behavior is not generally observed in
coarse-grained alloys at room temperature where plasticity
occurs by nucleation of dislocations from Frank–Read
sources followed by glide of the dislocations along crystal-
lographic slip systems. The size of these dislocation sources
cannot exceed the grain size of the polycrystalline material,
and the stress required for the Frank–Read source to oper-
ate is inversely proportional to the size of the source [43].
As a result, this dislocation nucleation mechanism only
operates when grain sizes are larger than about 1 lm,
and in nanocrystalline materials dislocations may instead
nucleate from grain boundary ledges [44].

The possibility of dislocation emission from grain bound-
aries has been recognized for some time [45,46], and the
details of the process are only recently becoming clear with
MD simulation [47–49]. Recently Liu et al. [50] confirmed
the formation of partial dislocations and stacking faults near
grain boundary and triple junctions in ultrafine-grained Al–
Mg alloy following severe plastic deformation. The forma-
tion of a partial dislocation at the grain boundary depends
upon the absolute value of the stable stacking fault energy
and the splitting distance of the leading and trailing partial
dislocations [8]. The emission of a partial dislocation from
a grain boundary ledge is shown in Fig. 10; however, its
propagation is highly dependent on the orientation of the
partial dislocation and the geometry of the grain boundary
ledge [51].

The value associated with dislocation emission and glide
in Table 1 is derived from the yield stress values observed in
Fig. 3, and as such it describes the temperature dependence
of dislocation emission and propagation at the onset of
yielding. The rate of dislocation propagation is correlated
to the stress applied, and the Peierls–Nabarro stress is
reduced by a factor of [1 � a (u2/b2)], where a is a numer-
ical factor close to p, u is the mean atomic displacement
and b is the Burgers vector [52]. Near the melting temper-
ature the mean atomic displacements increase by some
10–15%, and hence u is at most a few tenths of b according
to Lindemann’s rule [53]. Consequently, the change in the
Peierls–Nabarro stress with temperature will always be
negligible, and so it is not surprising that the activation
energy calculated for dislocation emission and glide in
Table 1 is the lowest of all mechanisms examined. Recent
findings also suggest that the emission of a partial disloca-
tion loop at a grain boundary will become a completely
mechanically driven a thermal process when the loop
radius reaches a critical value [54].
4.3. Grain boundary mechanisms

It has been shown that the dominant deformation mech-
anisms observed during MD simulations of nanocrystalline
materials involve either grain boundary sliding [55–58] or
grain boundary diffusion [9]. For example, during grain
boundary sliding, stress-assisted free-volume migration
and atomic shuffling at the grain boundary are critical in
accommodating the deformation [59]. The activation energy
calculated for grain boundary sliding (0.84 eV) is lower than
the experimental value of 1.50 eV (145 kJ mol�1) for sliding
in pure aluminum [60].

Since the grain boundary region is disordered, there is a
possibility that grain boundary sliding may be promoted by
a transition to a liquid-like state just below the melting
temperature [61]. This phenomenon of pre-melting at grain
boundary regions has been confirmed in both aluminum
and copper [62,63]. Williams and Mishin [64] used MD
to examine the thermodynamics of pre-melting and the
increase of grain boundary thickness or disorder with tem-
perature. Recently, Zhang et al. [65] has also shown that
even at temperatures well below the melting temperature,
grain boundaries also behave as glass-forming liquids.

A model for grain boundary sliding in coarse-grained
materials at high temperatures and low stresses was pro-
posed by Raj and Ashby [66], and it assumed that deforma-
tion is accommodated by liquid films along the grain
boundary that promote high diffusion rates. Within the
Raj–Ashby model it was assumed that the grain boundary
behaves as a thin film of Newtonian liquid with an effective
thickness tGB, and viscosity g, so that the shear stress s
required for sliding is:

s ¼ tg=tGB; ð4Þ

where t is the sliding velocity. The mechanical energy dur-
ing sliding is dissipated by viscous slip and grain boundary
diffusion, where the shear stress required for sliding is in-
versely proportional to the grain boundary thickness, and
the viscosity drops with temperature. Further development
of this model has shown that the characteristic time re-
quired to equilibrate stresses across the boundary is also in-
versely proportional to the effective grain boundary
thickness [67,68].

The increased grain boundary thickness and diffusion
rate, in conjunction with a decreasing effective viscosity of
the grain boundary at high temperatures, readily accounts
for the drop in flow stress with temperature observed in
Fig. 11, in agreement with the Raj–Ashby model. However,
the presence of a critical stress suggests that static frictional
force must be overcome to initiate sliding. This was also
observed by Qi and Krajewski [69] during simulation of
grain boundary sliding of an aluminum bicrystal at a temper-
ature of 750 K, and it was suggested the shear stress across
the boundary, s, followed a relation:

ðs� scÞ ¼ tg=tGB; ð5Þ
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where sc is the critical shear stress for grain boundary slid-
ing. At temperatures above 800 K, a clear value for sc is
difficult to discern in Fig. 11. This is likely due to the re-
moval of grain boundary ledges, and the presence of large
triple junction regions observed during deformation at
910 K (see Fig. 7). The volume fractions of intercrystalline
regions increased drastically up to 11% in this temperature
range (see Fig. 8). It should be noted that stress induced
pre-melting grain boundaries may also occur, leading to a
drastic increase in the grain boundary width [69].

4.4. Comparison to experimentally observed microstructural

features

It is difficult to directly compare the simulation results to
controlled experiments; however, the microstructures
observed during some high-temperature deformation pro-
cesses provide some support for the proposal that grain
boundary-based mechanisms become predominant near
the melting temperature. It has been proposed that grain
boundary sliding is likely to occur during friction stir weld-
ing of Al 2024 alloy, considering that a significant number
of dislocation-free grains with dimensions of <250 nm were
observed [70]. It was argued that based on the calculated
dislocation climb rate it was unlikely for climb and annihi-
lation to account for the low dislocation density in the fin-
est grains, hence the dislocation-free grains could not have
been formed by recrystallization. Instead, it is likely that
the deformation must be accommodated by grain bound-
ary sliding during the friction stir welding process.

The cold gas dynamic spray process may involve high
strain rates near the melting point since metal powders
are accelerated at supersonic speeds at a substrate in order
to deposit a coating. It is believed that melting at the par-
ticle–substrate interface occurs in low melting point alloys
due to the high kinetic energies produced [15,71]. Although
some transmission electron microscopy studies have been
used to characterize cold-sprayed aluminum coatings
[72,73], limited examination has been done of the disloca-
tion structures produced in these materials. The micro-
Fig. 13. Transmission electron micrographs of cold gas dynamic sprayed Al
500 nm grain containing several dislocations.
structures produced in cold gas dynamic sprayed
commercially pure aluminum is shown in Fig. 13. Disloca-
tions were seldom found in grains with dimensions
<250 nm, while grains with sizes >500 nm did contain high
dislocation densities, and a similar trend was observed in
friction stir spot welded material [70]. Since large plastic
strains are produced during particle impact, the deforma-
tion of the fine grains may also have been accommodated
by grain boundary-based mechanisms. It is interesting to
note that in the case of friction stir welding as well as cold
gas dynamic spraying, the critical size for dislocation-free
grains appears to be around 250 nm. This suggests the pos-
sibility that a transition to grain boundary–dominated
mechanisms occurs at much larger sizes when the tempera-
ture is near the solidus, compared to the <50 nm transition
region reported at room temperature [7,8]. This may be
explained by the significant increase in intercrystalline vol-
ume fraction at high temperature.
5. Conclusions

Deformation of nanocrystalline aluminum at tempera-
tures of 0.8–0.97Tm appears to be controlled by grain bound-
ary mechanisms. Following yielding, a steady-state flow
stress and grain size are developed which depend on the
deformation temperature. Although this is well known dur-
ing dynamic recrystallization of conventional coarse-
grained materials as a result of diffusion-controlled disloca-
tion climb, the present work suggests there is negligible dis-
location activity in the nanocrystalline grain size range
considered. The activation energies for grain boundary-
based deformation mechanisms were comparable to the
apparent activation energy derived for hot working during
simulation. This suggests that the flow stress and grain size
is primarily controlled by grain boundary sliding, migration
and rotation, rather than diffusion-based dislocation climb.
The negligible degree of dislocation activity observed is
consistent with deformation microstructures observed in
materials produced by high strain rates near the melting tem-
powder showing (a) 200 nm diameter grain with no dislocations, and (b)
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perature during cold gas dynamic spray coating and friction
stir welding.
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